Creep at Low Stresses: An Evaluation of Diffusion Creep and
Harper—Dorn Creep as Viable Creep Mechanisms

TERENCE G. LANGDON

High-temperature creep experiments often reveal atransition at very low stresses to a region where
the stress exponent is reduced to a value lying typicaly in the range of ~1 to 2. This region is
generally associated with the occurrence of a new creep mechanism, such as grain-boundary dliding,
diffusion creep, and/or Harper—Dorn creep. Several recent reports have suggested that diffusion creep
and Harper—Dorn creep may not be viable cregp mechanisms. This article examinesthese two processes
and demonstrates that there is good evidence supporting the occurrence of both creep mechanisms

under at least some experimental conditions.

. HISTORICAL BACKGROUND

CREEP deformation refers to the unrecoverable plastic
strain occurring in a material when it is subjected to a con-
stant applied stress (or a constant applied load) over an
extended period of time. Creep processes are diffusion-
controlled, and they become of particular importance in
materials experiencing extensive periods of time at elevated
temperatures, where these high temperatures are generally
above ~0.4 T,,, where T,,isthe absol ute melting temperature
of the material.

The small-scale industries of the 19th century tended to
operate at relatively low temperatures so that the occurrence
of any creep deformation in mechanical parts was generally
neither appreciated nor of significant magnitude to seriously
impair theindustrial operation. However, this situation began
to change in the very early days of the 20th century when
there was a concerted effort to increase the operating temper-
atures, and therefore the overall efficiency, of conventional
working plants, such as steam boilers. It is not surprising,
therefore, that the first scientific publication dealing exclu-
sively with creep deformation should appear almost exactly
100 years ago in the classic report by Phillipg! on the creep
deformation occurring, as a function of time, in materials
as diverse as Indiarubber, glass, and metal wires. This early
article was followed initially by other limited publications
on creep, most notably the early report by Andradel>® claim-
ing at¥® law in which the creep strain increases with time,
t, raised to the third power, until ultimately, within thelast 30
years, there appear annually a plethora of reports describing
creep deformation in a very wide range of metalic and
nonmetallic materials.

An important change in direction appeared in the 1950s
with the classic work of Dorn and his colleagues, where
a phenomenological approach was developed and careful

TERENCE G. LANGDON, Professor, iswith the Departments of Aero-
space & Mechanical Engineering and Materials Science, University of
Southern California, Los Angeles, CA 90089-1453.

This article is based on a presentation made in the workshop entitled
“Mechanisms of Elevated Temperature Plasticity and Fracture,” which was
held June 27-29, 2001, in San Diego, CA, concurrent with the 2001 Joint
Applied Mechanics and Materials Summer Conference. The workshop was
sponsored by Basic Energy Sciences of the United States Department
of Energy.

METALLURGICAL AND MATERIALS TRANSACTIONS A

experiments were undertaken to determine the precise func-
tional relationship between the steady-state creep rate and
external experimental parameters such as stressand tempera-
ture. This latter approach had two very significant advan-
tages over the earlier attempts to develop congtitutive
relationships as in the classic Andrade t¥2 law. First, the
approach, when combined with theory, permitted an assess-
ment of the precise atomistic processes occurring during
creep deformation, and thusiit led to the concept of specific
and well-defined rate-controlling creep mechanisms. Sec-
ond, the approach provided, for thefirst timeand over at | east
a reasonable range of experimental conditions, a predictive
capability of the effect of changes in the operating stresses
and temperatures. The many publications of this eraare well
documented in the creep literature, and they culminated
in an extended and comprehensive overview of the creep
behavior of a wide range of metals and metallic alloys.“

This article follows on from this more recent approach,
and it is concerned specifically with the significance of
steady-state creep and the interpretation of rate-controlling
creep mechanisms at very low stress levels. As will be
demonstrated, although the atomistic mechanisms of creep
are now well-documented at intermediate and high stresses,
the difficulties of accurately recording extremely slow rates
of deformation have necessarily led to uncertainties and
ambiguities in precisely interpreting the creep behavior at
these very low rates.

[I. REGIONS OF CREEP BEHAVIOR

An important characteristic of high-temperature creep is
that the steady-state creep rate, &, generally varies with the
applied stress, o, the absolute temperature, T, and the grain
size of the material, d, through a relationship of the form

p n
e
kT \d/ \G
where D is the appropriate diffusion coefficient (= Dg exp
(—QIRT), where Dy isafrequency factor, Q isthe activation
energy, and R is the gas constant), G is the shear modulus,
b is the Burgers vector, k is Boltzmann's constant, p and n
are the inverse grain size exponent and the stress exponent,

respectively, and A is a dimensionless constant. It follows
from Eqg. [1] that a plot on logarithmic axes of ¢ against o
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Fig. 1—Schematic illustration of the variation in a logarithmic plot of
the steady-state creep rate, &, with the applied stress, o, for a typical
polycrystalline metal: the plot reveals an extensive region where dislocation
creep is dominant at intermediate stresses, PLB at very high stresses, and
a transition to a region having a lower slope at low stresses due to the
occurrence of diffusion creep, Harper—Dorn creep, or grain-boundary
diding.

will lead to the experimental datum points falling along a
line having a slope equal to the value of n.

Figure 1 shows a schematic illustration of representative
creep behavior in atypical metal. In general, the creep behav-
ior, when analyzed in terms of the steady-state creep rates,
may be divided into three separate regions.

First, there is a wide stress range at intermediate stresses
where the datum points usually fall along a line having a
slope within the range of ~3to 6. This region is associated
unambiguously with someform of dislocation creepinwhich
the creep strain is accrued from the intragranular movement
of didocations through the processes of glide and climb.
Generally, dislocation climb is rate-controlling in pure met-
as, and nisin the range of ~4.5 to 6 with the precise value
dependent upon the stacking-fault energy of the material .4
In metallic aloys, the rate-controlling process may be dislo-
cation glide with n = 3 in association with the dragging of
solute atom atmospheres. The occurrence of dislocation glide
as arate-controlling processin alloys may lead to deviations
from a straight line at these intermediate stresses due to
transitions to climb-controlled behavior either at the lower
stresses where climb is slower than glide® and/or at the
higher stresses where the dislocations break away from the
solute atom atmospheres.©!

250—VOLUME 33A, FEBRUARY 2002

Second, there is a deviation from linearity at very high
stresses due to the advent of power-law breskdown (PLB).
This deviation is well documented in the creep literature,
and it represents, in effect, a transition from the diffusion-
controlled regime associated with high temperatures to a
thermally activated regime analogous to low temperature
flow.[ 1t has been shown that PLB occurs in fcc metals at
anormalized strain rate given by!®

E ~ 1013 m-2
D 10 m [2]
or aternatively at a normalized stress of the order of ¥
g
—~55x 10
G 55X 10 [3]

Third, if the experiments are extended to cover very low
stress levels, there is generally a transition to a new region
at the lowest stresses where the value of n decreases and
lies typically within the range of ~1 to 2. Although the
precise origin of this change of slope is usualy not well
understood, the region of low n is generaly attributed to
the advent of a new creep mechanism, such as diffusion
creep, Harper—Dorn creep, and/or grain-boundary diding.
In the following sections, the uncertainties and ambiguities
in this low stress region are examined in detail.

I11. CREEP PROCESSES AT VERY LOW
STRESSES

Three separate creep mechanisms may occur at very
low stresses.

A. Diffusion Creep

Under the action of an external stress, thereis adepletion
of vacancies along those grain boundaries experiencing a
compressive stress and a corresponding excess of vacancies
aong those grain boundaries experiencing a tensile stress.
Diffusion creep refersto the stress-directed flow of vacancies
that takes place in order to restore an equilibrium condition.
Thisprocessisillustrated schematically in Figure2(a), where
it is apparent that vacancy flow associated with the idealized
square grain may occur either through the crystalline matrix
in the process known as Nabarro—Herring diffusion
creepl’*tl or along the grain boundaries in the process
known as Coble diffusion creep.'? It can be shown theoreti-
caly that there is avaue of n = 1 in Eq. [1] for both of
these processes but p = 2 and D = D, for Nabarro—Herring
creep whereas p = 3 and D = Dy, for Coble creep, where
D, and Dy, are the diffusion coefficients for lattice self-
diffusion and grain-boundary diffusion, respectively. Figure
2(b) illustrates the effect of diffusion creep in a material
containing particles: as a consequence of the elongation of
the individua grains, there is a buildup of particles along
those grain boundaries lying more nearly paralel to the
tensile axis whereas denuded zones, having a depletion of
particles, form preferentially on those grain boundarieslying
more nearly perpendicular to the tensile axis.

B. Harper—Dorn Creep

Harper—Dorn creep was first reported by Harper and
Dornl*® in a series of classic experiments in which tensile
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Fig. 2—The principle of diffusion creep: (a) showing vacancy flow through the grains (Nabarro—Herring creep) or along the grain boundaries (Coble creep)
and (b) showing the consequent buildup of particles on longitudinal grain boundaries and the formation of denuded zones due to the depletion of particles

along transverse grain boundaries.

creep tests were conducted on single crystals and polycrys-
talline samples of pure aluminum at temperatures very close
tothemelting temperature. Theresults showed acreepregion
a very low stresses with n = 1 and D = D, but with at
|east two important characteristics that appeared inconsistent
with conventional Nabarro—Herring creep. First, the meas-
ured experimental creep rates were significantly faster, by
more than two orders of magnitude, than those predicted
theoretically by Nabarro—Herring creep. Second, identical
rapid creep rates were recorded for both polycrystalline sam-
ples with agrain size of d = 3 mm and for single crystals,
thereby implying that p = 0 in Eq. [1]. There have been
numerous subsequent reports appearing to confirm the occur-
rence of Harper—Dorn creep in a number of materials and
much of this information was summarized in a review.™

C. Grain-Boundary Siding

Thereis no doubt that the individual grains of apolycrys-
talline matrix may become displaced with respect to each
other during high temperature creep. These displacements
areeasily recorded using marker lines, and the surface offsets
associated with grain-boundary diding have been measured
and analyzed in many different experiments.'*™ Animportant
characteristic of grain-boundary diding is that the grains
retain essentially their original shape so that, in the extreme
of very high strains, there is an increase in the total number
of grainslying aong thetensile axis. The high tensile ductili-
ties of superplastic flow are a classic example of the occur-
rence of grain-boundary diding without any significant
changes in the shapes of the individual grains.!*® Following
the conventional notation,™*” this process is henceforth des-
ignated Rachinger grain-boundary sliding.[8,

A simple consideration of Rachinger sliding shows that
it cannot occur in a polycrystalline material without the
additional occurrence of some concomitant accommodation
within thegrains. In practice, Rachinger sliding isaccommo-
dated by dlip in the grains, and the experimental evidence
suggests that the rate of sliding along a grain boundary is
controlled, ultimately, by the rate at which dislocations are
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able to move into the adjacent grain in the accommodation
process. This approach leads in a simple way to a unified
model for Rachinger dliding in which the precise form of
Eqg. [1] is dependent upon the nature of the accommodation.
Thus, in large-grained polycrystalline metals, the accommo-
dating disdlocations move into the adjacent grains and
impinge upon the subboundaries formed during creep and
the rate of dliding is controlled by the rate of climb of the
leading dislocationsinto these subgrain boundaries; whereas
in materialswith very small grain sizes, asin superplasticity,
no subgrains are formed, and the rate of sliding is controlled
by the rate of climb of the leading dislocations into the
opposite grain boundary. These two situations are illustrated
schematically in Figures 3(a) and (b), respectively.[*] In
Figure 3(a), diding occurs through dislocation movement
on the boundary of avery large grain, the diding is blocked
by aledge at A, and the accommodating dislocations move
into the adjacent grain and pile up at the first subgrain
boundary; whereas in Figure 3(b), there are no subgrains
within the very small grainsin superplasticity so that sliding
between grains B and C leads to a stress concentration at
the triple junction D that is accommodated by dislocations
moving acrossthe grain and climbing into the opposite grain
boundary. The critical grain size associated with the transi-
tion between these two forms of Rachinger dliding is when
the grain size, d, is equa to the equilibrium subgrain size,
A. Thus, Figure 3(a) applies at large grain sizes when d >
A, whereas Figure 3(b) applies at very small grain sizes
when d < A, where it is well established that the value of
A under equilibrium creep conditions is given byl

-1
A o
b= ((6> [4]

where {'is a constant having a value close to ~20.

Using this approach, it can be shown theoretically that
Rachinger dliding can be represented by Eq. [1] with n =
3,p=1,andD = D, for large grain sizesin high temperature
creepwhend > ), whereasfor small grain sizesin superplas-
ticity, whend < A, thevaluesaren =2, p= 2, and D =
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Fig. 3—The principle of grain-boundary sliding: (a) as in conventional
creep when the grain size, d, is larger than the equilibrium subgrain size,
A, and the accommodating intragranular slip impinges on the subgrain
boundaries within the grains; and (b) as in superplasticity when the grain
size, d, issmaller thanthe equilibrium subgrain size, A, and the accommodat-
ing intragranular slip impinges on the opposite grain boundaries.

Dgb 1! Careful analyses of extensive mechanical data for
two typical superplastic aloys, the Zn-22 pct Al eutectoid
and the Pb-62 pct Sn eutectic, have suggested that superplas-
ticity occurs only under conditions where d < A.12% Thisis
illustrated by the experimental deformation mechanism map
for the Zn-22 pct Al dloy shown in Figure 4 for a testing
temperature of 503 K, where region |l is the superplastic
region, region Il occurs at higher stresses and represents
the transition to a nonsuperplastic behavior, region | is a
low stress region now known to be associated with the
presence of impuritiesin the boundaries,[*?2 and the regions
of Nabarro—Herring and Caoble diffusion creep were inserted
based on thetheoretical rel ationshipsfor thesetwo processes.
This map depicts the experimental data in the form of the
normalized grain size, d/b, vs the normalized shear stress,
7/G, where risthe shear stress, and abroken lineis superim-
posed representing Eq. [4] with d = A and with the applied
stress replaced by the shear stress. It is apparent that this
lineisessentially coincident with the experimental transition
from nonsuperplastic flow at the higher stressesto superplas-
tic flow at the lower stresses, thereby providing strong sup-
port for the occurrence of Rachinger sliding with n = 2in
superplasticity at grain sizes where no subgrains are able
to form.

The occurrence of dislocation dlip within the grains as an
accommodating process in superplasticity has been demon-
strated in two separate ways. First, through experiments
showing that the strains within the individual grains of a
Pb-62 pct Sn alloy are oscillatory in nature during superplas-
tic flow, and they make no net contribution to the total
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Fig. 4—Deformation mechanism map of normalized grain size vs normal-
ized shear stress for Zn-22 pct Al at 503 K showing that superplasticity
occurs when the grain size is smaller than the equilibrium subgrain size
defined by Eq. [4].1%

elongation of the specimen.?®l Second, by directly measur-
ing the densities of intragranular dislocations trapped in
coherent twin boundaries in a superplastic Cu alloy.[?4

It is important to note that Rachinger dliding generally
makes a relatively minor contribution to the overall strain
of a polycrystalline material when the grain size is large as
in conventional creep, but in superplasticity, when the grain
size is very small and d < A, the evidence suggests that
Rachinger sliding accounts for essentialy al of the defor-
mation.[¢l

IV. A PROCEDURE FOR DISTINGUISHING
BETWEEN DIFFUSION CREEP AND
HARPER-DORN CREEP

The occurrence of Rachinger grain-boundary sliding is
easily reveaded in creep experiments through the offsets in
surface marker lines that occur at the points where the lines
impinge upon the grain boundaries. However, it is less easy
to distinguish experimentally between the occurrence of dif-
fusion creep and Harper—Dorn creep since Nabarro—Herring
creep and Harper—Dorn creep both give n = 1 and they
both have an activation energy for creep equal to the value
for lattice self-diffusion, Q.. These similarities, combined
with the experimental problems of measuring very slow
creep rates over long periods of time, have led to many
questions concerning the viability of these two creep mecha-
nisms. Thus, reports have been published suggesting there
isno good experimental evidence supporting the occurrence
of diffusion creep!?>?8 or Harper—Dorn creep,?” and these
reports were followed by equally vigorous publications
defending the occurrence of both diffusion creep®® and
Harper—Dorn creep.?? A detailed listing of these various
claims and counterclaims is beyond the scope of this article
but a tabulated summary of many of the reports is given
in a recent review.*™ These contradictory reports serve to
emphasize the need to develop criteria that may be used
to distinguish unambiguously between diffusion creep and
Harper—Dorn creep while recognizing that both processes
lead to an elongation of the individual grains, and therefore,
a least from a macroscopic viewpoint, they are essen-
tially equivalent.

In seeking procedures for distinguishing between these
two mechanisms, it is important to note that intragranular
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Fig. 5—Appearance of three grains in a polycrystalline matrix (a) before tensile creep with longitudinal marker lines AA’ and BB’, (b) after Harper—Dorn

creep, and (c) after diffusion creep: the tensile axis is vertical.

dislocation processes are unique because they require no
accommodation process, and thus they are capable of
accounting fully, and exclusively, for al of the deformation
occurring within a polycrystaline matrix. The dislocation
Ccreep processes occurring over awide range of intermediate
stresses fall into this category, asillustrated in Figure 1, and
also the region of Harper—Dorn creep where, although the
precise deformation mechanism is not known, it isgenerally
attributed to some form of intragranular dislocation process.
On the other hand, diffusion creep through vacancy flow
leads to an elongation of the grains along the tensile axis
through both a deposition of atoms on the transverse grain
boundaries and a removal of atoms from the longituidinal
grain boundaries. Thus, diffusion creep requires accommo-
dation by concomitant grain-boundary dliding whereas
Harper—Dorn creep needs no accommodation.®¥ This situa-
tion is illustrated schematically in Figures 5 and 6, where
the tensile axis is vertical, and the samples contain marker
lines either parallel to or perpendicular to the tensile axis,
respectively.33 Figure 5(a) shows the situation before creep
for three grains in a polycrystalline matrix containing two
marker lines, AA’ and BB’, and Figures 5(b) and (c) show
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the same grains after deforming by Harper—Dorn creep and
diffusion creep, respectively. In both situations, the total
strain is the same, and the grains are elongated by the same
amount but in Harper—Dorn creep there is no accommoda-
tion process, and the marker lines remain continuous across
the horizontal interfaces whereas in diffusion creep atoms
are removed at the longituidina boundary between the two
upper grains and this leads to sharp offsets in the marker
lines where they impinge on the transverse interfaces. A
similar situation is illustrated in Figure 6 for grains con-
taining transverse marker lines. Inthis case, atoms are depos-
ited in diffusion creep at the transverse boundary between
the two grains on the right, and this leads again to marker
offsets in diffusion creep but no offsets in Harper—Dorn
creep. Measurements of the offsetsin marker lines, therefore,
provide a unique opportunity for distinguishing between
these two creep mechanisms.[*Y

Although grain-boundary diding occurs as an accommo-
dation process in diffusion creep, and the appearance of the
boundary offsets is identical to those occurring in conven-
tional Rachinger dliding, it is important to note there is a
true physical distinction between Rachinger sliding and the
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Fig. 6—Appearance of three grains in a polycrystalline matrix (a) before tensile creep with transverse marker lines AA’ and BB’, (b) after Harper—Dorn

creep, and (c) after diffusion creep: the tensile axis is vertical.

dliding serving to accommodate diffusion creep. Thus, in
Rachinger dliding the grains remain essentially equiaxed,
and they become displaced with respect to each other so
that there is a net increase in their number lying along the
tensile axis, whereasin diffusion creep the individual grains
become elongated through diffusive flow, the diding serves
only to accommodate this change in shape, the grains retain
their relative positions within the polycrystalline matrix, and
there is no net increase in the number of grains lying along
thetensile axis. In order to clearly distinguish between these
two types of dliding,[*”! the accommodating sliding in diffu-
sion creep is termed Lifshitz grain-boundary diding.[3?

V. UNAMBIGUOUS EVIDENCE FOR THE
OCCURRENCE OF DIFFUSION CREEP AND
HARPER-DORN CREEP

In view of the many claims and counterclaims regarding
the occurrence or absence of diffusion creep and Harper—
Dorn creep, it is instructive to examine whether there are
any experiments providing unique and unambiguous evi-
dence for the occurrence of either mechanism. As will be
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demonstrated in this section, there is good evidence support-
ing both of these creep mechanisms as viable deformation
processes during creep at very low stress levels.

A. Diffusion creep

Equation [1] defines Nabarro—Herring diffusion creep
whenn=1,p=2,and D = D,, but thereis some uncertainty
regarding the precise value of the dimensionless constant,
A. Inthe theoretica derivation of the diffusion creep model,
Herring™Y obtained A = 13.3 for polycrystals tested in uni-
axial tension and having fully-relaxed grain boundaries, but
subsequently, it was shown that the value of A may lie in
the range of 12 to 40 depending on the grain shape and
testing conditions.> A very detailed examination of creep
data has suggested that the most appropriate value is A =
40 under tensile creep conditions,'* thereby demonstrating
that the experiments tend to give creep rates that are alittle
faster, by up to afactor of two, than those expected from the
theoretical analysis. Nevertheless, the consistency suggests
there is generally reasonably good agreement with the diffu-
sion creep model.

METALLURGICAL AND MATERIALS TRANSACTIONS A



Fig. 7—Appearance of a Mg-0.55 pct Zr alloy after diffusion creep to a
strain of 13.3 pct at 673 K: the tensile axis is vertical, denuded zones are
visible along many of the transverse boundaries, and there are offsets
in the hydride stringers at points where they impinge on the transverse
grain boundaries.*d

Only three sets of measurements have been taken to con-
firm the predictions of Figures 5 and 6 regarding the offsets
incurred through Lifshitz dliding in diffusion creep. In the
first report, aMg-0.55 pct Zr alloy with agrain size of ~80
pm was tested to a strain of 13.3 pct at 673 K under an
applied stress of 2 MPa, and measurements were taken to
determine the contribution of dliding to the total strain, &
using the offsetsintroduced at transverse grain boundariesin
hydride stringers lying approximately parallel to the tensile
axisl®® This sample is illustrated in Figure 7 where the
tensile axis is vertical, and there are well-defined denuded
zones lying preferentially along the transverse grain bound-
aries.[*? The results from these measurements gave & = 60
pct, and subsequently there were reports of £ = 50 pct in a
Mg-0.62 pct Mn alloy®” and ¢ = 51 pct in a Mg-0.55 pct
Zr aloy!®! where both of these other materials were tested
under conditions appropriate to diffusion creep. It is
important to note these three measurements are mutually
consistent, and they give a value of ¢ = 50 to 60 pct in
diffusion creep. In practice, however, Lifshitz dliding and
diffusion creep are complementary processes that cannot be
considered to make separate contributions to the total creep
strain.*¥ This means that attempts to divide these contribu-
tiond*** are meaningless because they depend uniquely
upon the precise definitions of strain incorporated into the
analysis.l*¥ It has been shown that measurements of £ based
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on offsetsin longitudinal markers have an upper-bound lim-
iting value of ¢ = 50 to 70 pct so that the measurements of
&in diffusion creep are consistent with the expectations for
diffusion creep as documented in Figure 5.

The mechanical characteristics of the sample depicted in
Figure 7 were analyzed in detail by Harris® and it was
shown that all of the data for this sample are consistent with
Nabarro—Herring diffusion creep occurring as the dominant
flow process. The result of ¢ = 60 pct is aso consistent
with diffusion creep but, nevertheless, it has been suggested
this experimental value of ¢ may result from the occurrence
of Rachinger dliding rather than Lifshitz dliding.2%42 This
latter suggestion can be checked by noting that Lifshitz
sliding is associated with grain elongation whereas Rach-
inger dliding entails no elongation of the individual grains.
Careful measurements showed that the average grain aspect
ratio was ~1.25 in this sample,l*2 and thisis consistent with
the experimental total strain of 13.3 pct which requires a
grain aspect ratio of ~1.28. It is also consistent with meas-
urements of the denuded zones®® which suggest a grain
aspect ratio of ~1.19. All of these measurements are, there-
fore, mutually consistent, and they provide very strong evi-
dencefor the occurrence of Nabarro—Herring diffusion creep
in this material. Conversely, the results cannot be interpreted
either in terms of Harper—Dorn creep where there are no
anticipated offsetsin marker linesor Rachinger sliding where
there is no grain elongation.

B. Harper—Dorn Creep

Many experimental results have been attributed to
Harper—Dorn creep, but acareful analysis shows this attribu-
tion is often in error.[*34 Nevertheless, an examination of
the original data of Harper and Dorn,[*3 when supplemented
by the later experimental data of Harper et al.,[* provides
strong evidence supporting the occurrence of some unique
creep mechanism at these very low stress levels.

Figure 8 shows the original data of Harper and Dorn*®!
obtained at 920 K and plotted logarithmically as the steady-
state creep rate against the applied stress for polycrystalline
pure Al with a grain size of 3 mm and for a single crystal.
At the higher stresses, there is avalue of n = 4.5 which is
consistent with dislocation creep in aluminum. At the lower
stresses, the experimental points appear to lie along a line
having a dope of n = 1, where the position of this line is
more than two orders of magnitude faster than anticipated
for Nabarro—Herring diffusion creep with d = 3 mm. As
noted earlier, the consistency between experimenta creep
ratesin metals and the predictions of Nabarro—Herring creep
isgenerally towithin afactor of ~2. Furthermore, by linearly
extrapolating to lower stresses the line for n = 4.5 and
dislocation creep, it isapparent from Figure 8 that the experi-
mental datum points recorded at the two lowest stresses
cannot relate to dislocation creep because Nabarro—Herring
diffusion creep is the faster process at these stress levels.
This discrepancy between the experimental points and the
predictions of diffusion creep is surprising, especially for
pure auminum where the diffusion coefficient iswell estab-
lished, and it provides strong support for the advent of a
new and different creep mechanism under these experimen-
tal conditions.

Further evidence for a new mechanism is provided by the
later experiments of Harper et al.,! also conducted on the
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Fig. 8—Steady-state creep rate vs stress from the results of Harper and
Dorn:[*? also included are the prediction for Nabarro—Herring creep for a
grain sizeof d = 3 mm and alinear extrapolation of the dislocation creep
line where n = 4.5.

same pure aluminum at 920 K, where transverse marker
lines were scribed on the samples prior to testing, and meas-
urements were taken of the boundary offsets after creep in
order to determine the contribution from grain-boundary
diding, & The results show a pesk value of £in the vicinity
of the transition from n = 4.5to n = 1 but very low, and
decreasing, valuesof £withintheHarper—Dornregion. Thus,
the values of ¢ decreased from 14.9 pct at o = 9.3 X 1072
MPato 5.1 pct a ¢ = 2 X 1072 MPa. These very low
values of £are not consistent with the occurrence of Lifshitz
diding in diffusion creep, as illustrated schematically in
Figure 6(c). On the contrary, the results are consistent with
Figure 6(b), and they support the proposal that Harper—Dorn
creep is a new and different creep mechanism.

Although the evidence in Figure 8, when combined with
the later measurements of &, provides strong support for a
different creep mechanisms at very low stresses, neverthe-
less, the situation is more complex because there is good
experimental evidence showing that Harper—Dorn creep is
observed in pure Al only when theinitia dislocation density
islow (~10’—3 X 10® m~2).[*8l Furthermore, thisis consis-
tent with the experimental observation that the dislocation
density remains constant, independent of the applied stress,
and equal to a value of ~5 X 107 m~2 within the Harper—
Dorn creep region.*1 It is also significant to note that a
dislocation density of thismagnitude generatesrandom inter-
nal stresses of the order of ~2 X 1072 MPa,?¥ which is a
little lower than the stress marking the transition to Harper—
Dorn creep, as documented in Figure 8.

It was suggested very recently that the relatively rapid
strain rates associated with Harper—Dorn creep may be a
direct conseguence of increases in creep rate due to the
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Fig. 9—Possible evidence for the occurrence of dynamic recrystallization
during the creep of very high purity (99.9995 pct) auminum when tested
at 923 K under ashear stressof 2.5 X 10~2 MPawithin the region attributed
to Harper—Dorn creep.[*?

occurrence of dynamic recrystallization during creep.[*649
An experimental example of this effect is shown in Figure
9 for very high purity (99.9995 pct) Al tested at 923 K under
a shear stress, 7, of 2.5 X 1072 MPa, where the plot shows
the shear strain, v, as a function of the testing time, .14 If
this effect occurred in the early experiments of Harper and
Dorn,™3 it is possible the measured creep rates may be
erroneously high due to these perturbations in the creep
curves. For example, by determining the average of the
minimums occurring in the creep rates following jumps of
the type shown in Figure 9, it was demonstrated that these
datum points fall along a line of slope ~2.5 instead of ~1,
as shown in Figure 10 where the shear strain rate, ¥, is
plotted against the shear stress, 7.1l It isimportant to note,
however, that these minimum rates are al so faster than those
anticipated by extrapolation for dislocation creep, thereby
again suggesting that a different creep mechanism occurs at
these lowest stress levels.

In practice, close inspection suggests several reasons for
rejecting any explanation of Harper—Dorn creep based on
dynamic recrystallization. First, the jumpsin the creep curve
shown in Figure 9 are not clearly defined, and indeed the
same experimental datum points were reported in an earlier
publication where the results were plotted as a smooth and
continuous curve (Figure 3(b) of Reference 46). Second,
dynamic recrystallization occurs during the creep of very
high-purity materials at regular and very well-defined strain
increments,>®5Y whereas the incremental strains recorded
between each jump in Figure 9, and especialy in other
similar plots,*! tend to be relatively nonuniform. Third, the
original experiments of Harper and Dorn,[*¥ including also
those of Harper et al.,!*! were conducted using aluminum
of 99.99 pct purity, and there is no evidence for the occur-
rence of dynamic recrystallization in auminum of this
purity.[®521 Fourth, there is also no experimental evidence
for the occurrence of dynamic recrystallization in very high-
purity Al at the very high temperatures and low stresses
associated with experiments of the type documented in
Figure9; in practice, grain growth may be amore appropriate
restoration mechanism under these conditions.>> Fifth,
any attempt to attribute the relatively rapid strain rates
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Fig. 10—Shear strain rate vs shear stress for very high purity (99.9995
pct) aluminum showing the change in slope to avalue of n ~ 2.5 at low
stresses when taking the minimum creep rates following apparent bursts
of dynamic recrystallization.[*8!

recorded in the earlier experimentd?34 to either a failure
to reach a steady-state condition or the advent of dynamic
recrystallization during creep must also necessarily account
for the very low, and decreasing, values of ¢recorded within
the region of Harper—Dorn creep which clearly preclude the
occurrence of diffusion creep.

In summary, the arguments against the early results of
Harper and Dornt*¥ are not well-founded and there remains
no explanation for thelow values of £reported in the detailed
experiments of Harper et al.[*! Furthermore, no attempts
have been made to measure £ in any subseguent investiga-
tions of Harper—Dorn creep despite the fact that the val ues of
£ provide an important parameter in distinguishing between
Harper—Dorn creep and diffusion creep.

VI. DISCUSSION

The evidence for Nabarro—Herring diffusion creep is now
strong. In particular, the very detailed and extensive meas-
urements performed on a single sample of a Mg-0.55 pct
Zr dloy provide very good support for the occurrence of
this mechanism. These measurements include the overall
creep rate,*™ the width of the denuded zones,* an estimate
of the contribution of Lifshitz diding from offsets measure-
ments,* and a determination of the average grain aspect
ratio.’3 All these measurements are mutually consistent,
and, when taken together, they do not support the occurrence
of any other known creep mechanism. In addition, the recent
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use of advanced techniques, such as atomic force micros-
copy, has provided clear and essentially unambiguous evi-
dence for the occurrence of diffusion creep in Cul®! and in
aMg-0.5 pet Zr alloy.[5

It isimportant to note that numerous arguments have been
presented both supporting??25"-9 and opposing426% g
relationship between the presence of denuded zones and the
occurrence of diffusion creep. Clearly, the appearance of the
denuded zones in Figure 7 is consistent with the advent of
diffusion creep, as depicted in Figure 2(b). Nevertheless,
there are several observations of denuded zones in samples
subjected to an annealing treatment but without any creep
testing, (336162 thereby demonstrating unequivocally that, as
also concluded elsewhere,®26% the presence of denuded
zones cannot be taken as conclusive evidence for the occur-
rence of diffusion creep.

The evidence for Harper—Dorn creep is less definitive
than for diffusion creep, but nevertheless the early results
of Harper and Dorn,™*3 when combined with the later micro-
structural observations by Harper et al.,[* provide very
strong support for the proposal that Harper—Dorn creep is
a unigue creep mechanism occurring under some limited
testing conditions. In particular, the detailed measurements
of the dliding contribution, & demonstrate conclusively that
the pure aluminum used in these experiments was not
deforming at the very lowest stresses by conventional diffu-
sion creep despite the fact that, as illustrated in Figure 8,
Nabarro—Herring creep would be expected under these test-
ing conditions through a simple extrapolation of the line for
dislocation creep.

There have been some very recent attempts to replicate
the early experiments of Harper and Dorn™*® using samples
of pure Al but these attempts have been unsuccessful [27:64
One significant difficulty in performing these experiments
is that the creep rates associated with Harper—Dorn creep
in samples of pure Al are extremely slow. This problem may
be partially overcome by performing the experiments on Al-
Mgalloys. Theeffect of adding Mgto aluminumisillustrated
schematically in Figure 11, where it is apparent that the
addition of Mg in solid solution displacesthelinefor disloca-
tion creep to higher stresses and, since the line for Harper—
Dorn creep remains essentially invariant, the maximum
strain rate associated with Harper—Dorn creep is, therefore,
effectively displaced to faster rates by up to one order of
magnitude. Harper—Dorn creep has been documented in an
Al-5 pct Mg alloy,[*"®% and this would appear to be an ideal
candidate material for future investigations of the occurrence
of Harper—Dorn creep.

VIl. SUMMARY AND CONCLUSIONS

1. Logarithmic plots of the steady-state creep rate vs the
applied stress generally reveal an extensive region where
the stress exponent is high, typicaly in the range of ~3
to 6, but with atransition at very low stressesto aregion
where the stress exponent is low and of the order of ~1
to 2. The behavior at low stresses is generaly attributed
to the occurrence of a new creep mechanism, such as
grain-boundary dliding, diffusion creep, and/or Harper—
Dorn creep.

2. Severa recent reports have suggested that diffusion creep
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11—A schematic illustration of the potential for increasing the maxi-

mum strain rate associated with Harper—Dorn creep by performing experi-
ments on Al-Mg solid solution aloys.

and Harper—Dorn creep may not be viable creep mecha
nisms. The validity of this suggestion was evaluated by
re-examining selected creep datain the low stress region.
It is concluded there is good experimental evidence for
the occurrence of both diffusion creep and Harper—Dorn
creep under at least some experimental conditions.
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